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Abstract—Bulk metallic materials have ordinarily been produced by melting and solidification processes
for the last several thousand years. However, metallic liquid is unstable at temperatures below the melting
temperature and solidifies immediately into crystalline phases. Consequently, all bulk engineering alloys are
composed of a crystalline structure. Recently, this common concept was exploded by the findings of the
stabilization phenomenon of the supercooled liquid for a number of alloys in the Mg-, lanthanide-, Zr-, Ti-,
Fe-, Co-, Pd—Cu- and Ni-based systems. The alloys with the stabilized supercooled liquid state have three
features in their alloy components, i.e. multicomponent systems, significant atomic size ratios above 12%,
and negative heats of mixing. The stabilization mechanism has also been investigated from experimental
data of structure analyses and fundamental physical properties. The stabilization has enabled the pro-
duction of bulk amorphous alloys in the thickness range of 1-100 mm by using various casting processes.
Bulk amorphous Zr-based alloys exhibit high mechanical strength, high fracture toughness and good cor-
rosion resistance and have been used for sporting goods materials. The stabilization also leads to the
appearance of a large supercooled liquid region before crystallization and enables high-strain rate super-
plasticity through Newtonian flow. The new Fe- and Co-based amorphous alloys exhibit a large super-
cooled liquid region and good soft magnetic properties which are characterized by low coercive force and
high permeability. Furthermore, homogeneous dispersion of nanoscale particles into Zr-based bulk amor-
phous alloys was found to cause an improvement of tensile strength without detriment to good ductility.
The discovery of the stabilization phenomenon, followed by the clarification of the stabilization criteria of
the supercooled liquid, will promise the future definite development of bulk amorphous alloys as new basic
science and engineering materials. © 2000 Acta Metallurgica Inc. Published by Elsevier Science Ltd. All

rights reserved.
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1. HISTORY AND ALLOY COMPONENTS OF BULK
AMORPHOUS ALLOYS

Since the first synthesis of an amorphous phase in
the Au-Si system by a rapid solidification technique
in 1960 [1], a great number of amorphous alloys
has been produced for the last three decades. It is
well known that Fe-, Co- and Ni-based amorphous
alloys found before 1990 require high cooling rates
above 10° K/s for glass formation and the resulting
sample thickness is limited to less than about 50 pm
[2]. As exceptional examples, one can observe that
Pd—-Ni—P and Pt-Ni-P amorphous alloys have
lower critical cooling rates of the order of 10° K/s
[3] and a large amorphous alloy sphere with a di-
ameter of about 10 mm is produced by repeated
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melting of the Pd—Ni—P alloy covered with a B,O;
flux medium in a quartz crucible [4,5]. More
recently, since 1988, we have succeeded in finding
new multicomponent alloy systems with much
lower critical cooling rates in the Mg- [6], Ln- [7],
Zr- [8,9], Fe- [10,11], Pd—Cu- [12], Pd—Fe- [13], Ti-
[14,15] and Ni-based [16] alloy systems. Figure 1
shows the relationship between the critical cooling
rate (R.), maximum sample thickness (¢,.c) and
reduced glass transition temperature (7T,/T,,) for
amorphous alloys reported to date [17-21]. The
lowest R. is as low as 0.10K/s [22] for the
Pd4oCusgNijgP>y alloy and the 7., reaches values
as large as about 100 mm. It is also noticed that the
recent improvement of the glass-forming ability
(GFA) reaches 6-7 orders for the critical cooling
rate and 3-4 orders for the maximum thickness.
There is a clear tendency for GFA to increase with
increasing T,/Ty,. Figure 2 shows the relationship
between R, fmax and the temperature interval of a
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Fig. 1. Relationship between the critical cooling rate for

glass formation (R.), maximum sample thickness for glass

formation (7,.,) and reduced glass transition temperature

(T,/T},) for bulk amorphous alloys. The data of the ordin-

ary amorphous alloys, which require high cooling rates for
glass formation, are also shown for comparison.

supercooled liquid defined by the difference between
glass transition temperature (7) and crystallization
temperature (7%), (Tx—7,) [17-21]. One can see a
clear tendency for GFA to increase with increasing
Tx. The value of Ty exceeds 100 K for several amor-
phous alloys in Zr—Al-Ni-Cu and Pd—Cu-Ni-P
systems and the largest AT, reaches 127 K for the
Zr—Al-Ni—Cu base system.

Table 1 summarizes typical bulk amorphous alloy
systems reported to date and the calendar years
when details of each alloy system were published.
Bulk amorphous alloys can be divided into nonfer-
rous and ferrous alloy systems. The nonferrous
alloy systems are Mg-Ln—-M (Ln=Ilanthanide
metal, M=Ni, Cu or Zn) [23], Ln—-AI-TM (TM=
VI-VIII group transition metal) [7], Zr-Al-TM [8],
Zr-Ti—Al-TM [24,25], Ti-Zr—TM [26], Zr-Ti-TM-
Be [9], Zr—(Nb,Pd)-Al-TM [25], Pd—Cu—Ni-P [12],
Pd-Fe-Ni-P [13], Ti-Zr—Ni—Cu-Sn [14] and
Ti—Zr-Ni—Cu—(Si,B) [15] systems. Ferrous alloy
systems comprise Fe—(Al,Ga)-metalloids [10],
(Fe,Co,Ni)—(Zr,Hf Nb)-B [11], Fe-Co-Ln-B [27],
Ni-Ti-P [16] and Ni-Nb—(Cr,Mo)—(P,B) [28]
alloys. It is observed that the ferrous alloy systems
have been found during the last four years after the
synthesis of the nonferrous alloy systems. We also
examined the features of the alloy components of
these nonferrous and ferrous bulk amorphous
alloys. The alloy components are divided into five
groups, as summarized in Fig. 3. The first group (i)
consists of ETM (or Ln), Al and LTM as exempli-
fied for Zr—Al-Ni and Ln—Al-Ni systems. The sec-
ond group (ii) is composed of LTM, ETM and
metalloid as indicated by Fe-Zr-B and Co—Nb-B
systems. The third group (i) is LTM (Fe)—
(Al,Ga)-metalloid systems and the fourth group
(iv) is indicated by Mg-Ln-LTM and ETM(Zr,

Table 1. Bulk amorphous alloy systems and calendar years when
details about each alloy system were first published

I. Nonferrous metal base Years
Mg-Ln-M (Ln= Lanthanide metal, M =Ni, Cu or Zn) 1988
Ln-Al-TM (TM = VI~VIII group transition metal) 1989
Ln-Ga-TM 1989
Zr-Al-TM 1990
Zr-Ti-Al-TM 1990
Ti-Zr-TM 1993
Zr-Ti-TM-Be 1993
Zr—(Nb,Pd)-Al-TM 1995
Pd-Cu-Ni-P 1996
Pd-Ni-Fe-P 1996
Pd-Cu-B-Si 1997
Ti-Ni—Cu-Sn 1998
II. Ferrous group metal base

Fe—(Al,Ga)—(P,C,B,Si,Ge) 1995
Fe—(Nb,Mo)—(Al,Ga)-(P,B,Si) 1995
Co—(AlL,Ga)—(P,B,Si) 1996
Fe—(Zr,Hf,Nb)-B 1996
Co—Fe—(Zr,Hf,Nb)-B 1996
Ni—~(Zr,Hf,Nb)-(Cr,Mo)-B 1996
Fe-Co-Ln-B 1998
Fe—(Nb,Cr,Mo)—(P,C,B) 1999
Ni—(Nb,Cr,Mo)—(P,B) 1999

Ti)-Be-LTM systems. However, the Pd—Cu—Ni-P
and Pd—Ni-P systems (v) are composed only of two
kinds of group element (LTM and metalloid),
which are different from the combination of the
three types of group elements for the alloys belong-
ing to the four previous groups (1)—(iv).
Consequently, we must consider two different mech-
anisms for the achievement of the high stability of
the supercooled liquid for the alloys of the first four
groups and of the fifth group of alloys.
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Fig. 2. Relationship between R., t,.x and the tempera-
ture interval of the supercooled liquid region between T
and Ty, (ATx = Ty — Ty) for bulk amorphous alloys.
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Fig. 3. Features of alloy components for bulk amorphous alloys reported to date. ETM and LTM
represent the transition metals belonging to groups IV-VI and VII-VIII in the periodic table,
respectively.

2. STRUCTURE OF BULK AMORPHOUS ALLOYS
AND REASONS FOR HIGH GLASS-FORMING
ABILITY

Firstly, the reason for the stabilization of the
supercooled liquid for the alloys belonging to the
groups (i)—(iv) is discussed. All the alloy systems in
these groups are based on the following three
empirical rules [17-21]: (1) multicomponent systems
consisting of more than three elements; (2) signifi-
cant difference in atomic size ratios above about
12% among the three main constituent elements;
and (3) negative heats of mixing among the three
main constituent elements. We want to know the
reason why the alloys with the three empirical rules
can have a high GFA. Based on the previously
reported experimental data obtained for multicom-
ponent amorphous alloys, it has been clarified [17—
21] that amorphous alloys can have (a) higher

degrees of dense randomly packed atomic configur-
ations, (b) new local atomic configurations, which
are different from those of the corresponding crys-
talline phases, and (c) a homogeneous atomic con-
figuration of the multicomponents on a long-range
scale. Subsequently, some experimental data are
presented. Table 2 summarizes the densities of some
bulk amorphous alloys in as-cast and fully crystal-
lized states. The difference in the densities between
the as-cast amorphous and fully crystallized states
is in the range of 0.30-0.54% [29], which is much
smaller than the previously reported value range of
about 2% [30] for ordinary amorphous alloys with
much higher R. above 10° K/s. Such small differ-
ences in values indicate that the bulk amorphous
alloys have higher dense randomly packed atomic
configurations. Although the difference in densities
between the amorphous and crystalline phases is

Table 2. Densities of some bulk amorphous alloys in as-cast and fully crystallized states

Alloy (state) Peast (Mg/m?) Prelaxed (Mg/m?) Peryst (Mg/m?) Aprelaxed (%0)* Aperysi (%)°
(Amorphous) (Amorphous) (Crystal) - -
ZrgoAl oCusg 6.72 - 6.74 - 0.30
ZrssAlsNips 6.36 - 6.38 - 0.31
Zrs55CuszpAl;oNis 6.82 6.83 6.85 0.15 0.44
Pd4oCu3oNijoPag 9.27 9.28 9.31 0.11 0.54
Zrs55TisAl;gCusgNijo 6.62 - 6.64 - 0.30
Zrs 5TisAlj sCuNijg 6.52 - 6.65 - 0.45

2 Apretaxed = (Pretaxed—Peast)/Peast -
Aﬂcryst = (ﬂcryst_ﬂcast)/ﬂcast.~
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Table 3. Coordination numbers and atomic distances calculated from (a) the ordinary radial distribution function (RDF), and from the
environmental RDFs for (b) Zr and (c) Ni in the ZrgAl,sNiys amorphous alloy

Alloy ry (nm) Nzii r2 (nm) Nz:al Nz:ar
As-quenched (a) 0.267 £ 0.002 23+0.2 0.317 £ 0.002 10.3+0.7 —0.1+0.9
(b) 0.267 £ 0.002 2.140.2 - - -
(c) 0.269 + 0.002 23+0.2 — — —
Crystallized (a) 0.268 £+ 0.002 3.0+0.2 0.322 4+ 0.002 82+0.7 0.8+0.9
(b) 0.267 + 0.002 3.0+0.2 - — —
(c) 0.273 £+ 0.002 23+0.2 -

small, a systematic increase in the density by struc-
tural relaxation, followed by a significant increase
upon crystallization, has been confirmed for the
Pd4CuszgNijoPy alloy [21]. We further examined
the coordination numbers and atomic distances of
each atomic pair for the multicomponent bulk
amorphous alloys by the anomalous X-ray scatter-
ing technique and always noticed the existence of at
least one atomic pair with significant difference in
coordination numbers before and after crystalliza-
tion. For instance, Table 3 summarizes the coordi-
nation numbers and atomic distances calculated
from (a) the ordinary radial distribution function
(RDF), and from the environmental RDFs for (b)
Zr and (c) Ni in the ZrgyAl;5Nirs amorphous alloy
[31]. As compared with the changes in the coordi-
nation numbers and atomic distances of Zr—Ni and
Zr—Zr atomic pairs, the coordination number of the
Zr—Al atomic pair increases drastically after crystal-
lization. The significant change implies the necessity

of long-range atomic rearrangements of Al atoms
around Zr for the progress of crystallization as well
as the difference in the local atomic configurations
between the amorphous and crystalline phases.
Furthermore, neither splitting of the second peak
nor pre-peak at the lower wave vector is seen in the
total structure factors of the multicomponent amor-
phous alloys. This feature of the structure factors is
nearly the same as that found for ordinary alloy
liquids, indicating the homogeneous distribution of
constituent elements on a long-range scale. As sum-
marized in Table 4, in a new type of supercooled
liquid with a higher degree of dense randomly
packed atomic configurations, new local atomic
configurations and long-range homogeneous atomic
configurations, we have high solid/liquid interfacial
energy which is favorable for the suppression of
nucleation of a crystalline phase. The new type of
liquid can have the difficulty of atomic rearrange-
ment, leading to a decrease of atomic diffusivity

Table 4. Mechanisms for the stabilization of supercooled liquid and the high glass-forming ability for the multicomponent alloys which
satisfy the three empirical rules

The constituent elements more than three kinds with large atomic size ratios
above 12 % and negative heats of mixing

Increase in the degree of dense random packed structure
(topological and chemical points of view)

Formation of liquid with new atomic configurations
and multicomponent interactions on a short-range scale

.

< v

Increase of solid/liquid
interfacial energy

Difficulty of
atomic rearrangement

—>

Necessity of
atomic rearrangement

* decrease of atomic diffusivity, ) on a long—ran_ge §cale
increase of viscosity for crystallization
Suppression of *
nucleation Suppression of growth

of a crystalline phase

Increase of Ty

of a crystalline phase

ﬂ‘__—

Decrease of Ty, Increase of T /T
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Fig. 4. Ordinary radial distribution function (RDF) and
environmental RDFs around Ni and Cu atoms for a
Pd4oCu3¢NijoPy9 amorphous alloy.

and an increase of viscosity. Therefore, the new
liquid can have high T, The supercooled liquid
also has the necessity for atomic rearrangements on
a long-range scale for crystallization, which causes
the suppression of growth of a crystalline phase. In
any event, the multicomponent alloys with the three
empirical rules always have very deep eutectic val-
leys with low melting temperatures, leading to the
appearance of high T,/T,, and large AT\.
Therefore, a high thermal stability of supercooled
liquid for the multicomponent amorphous alloys
which satisfies the three empirical rules is observed.

As shown in Fig. 3, the Pd—Cu-Ni—P and Pd-
Ni—P amorphous alloys do not satisfy the three
empirical rules because the heats of mixing are
nearly zero for Pd—Cu and Pd—Ni pairs [32] and the
atomic size ratios between Pd and Cu or Ni is less
than 10% [33]. In order to investigate the origin of
the achievement of high stability of supercooled
liquid against crystallization, we examined the
structure of the Pd4oCusgNi;oP,y amorphous alloy
by the anomalous X-ray scattering method. Figure
4 shows the ordinary radial distribution function
and environmental radial distribution functions
around Ni and Cu atoms for the Pd—Cu-Ni-P
amorphous alloy [34], together with the data for the
Pd4oNigoP>9 amorphous alloy. The environmental
RDF around Ni for the Pd-—Cu—Ni-P alloy is
nearly the same as that for the Pd-Ni-P alloy,
while the partial RDF around the Cu atom is differ-
ent from that around the Ni atom, indicating that

(@)

Fig. 5. Schematic illustration of a trigonal prism capped

with three half-octahedra consisting of Pd, Ni and P

atoms and a tetragonal dodecahedron consisting of Pd,
Cu and P atoms.

the local atomic configuration around Cu is differ-
ent from that around Ni. The atomic distances and
coordination numbers of each atomic pair obtained
from the structural data for the Pd—Cu—Ni-P alloy
can be interpreted by the assumption that the Pd—
Cu-Ni-P amorphous alloy is composed of two
large clustered units of a trigonal prism capped
with three half-octahedra for the Pd—Ni-P region
and a tetragonal dodecahedron for the Pd—Cu-P
region, as illustrated in Fig. 5. The coexistence of
the two large clustered units seems to play an im-
portant role in the stabilization of the supercooled
liquid for the Pd-based alloy, because of the strong
bonding nature of metal-metalloid atomic pairs in
the clustered units, high stability of metal-metalloid
clustered units and difficulty of rearrangement
among the clustered units. Furthermore, the GFA
of the Pd—Cu—Ni-P alloy is much higher than that
for the Pd-Ni—P alloy and the difference is due to
the coexistence of the two large clustered units of
the trigonal prism and tetragonal dodecahedron
rather than the existence of only the trigonal prism.
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3. PRODUCTION OF BULK AMORPHOUS ALLOYS

By choosing the above-described multicomponent
alloy systems, we can produce bulk amorphous
alloys by using two kinds of production techniques
of solidification and consolidation [17-21]. As a
solidification technique, one can list water-quench-
ing, copper-mold casting, high-pressure die casting,
arc melting, unidirectional melting, suction casting
and squeeze casting. Bulk amorphous alloys are
also produced by hot pressing and warm extrusion
of atomized amorphous powders in the supercooled
liquid region. Table 5 summarizes f,.x by use of
the solidification techniques and approximates R. in
typical alloy systems. The value of 7., is about
10 mm for the Ln- [35] and Mg-based [36] alloys,
30 mm [37] for the Zr-based alloys, 5-6 mm for the
Fe- [38] and Ti-based [14] alloys, 75-80 mm [39] for
the Pd—Cu—Ni-P alloy and 3 mm [28] for the Ni-
based alloy. There is a clear tendency for 7., to
increase with decreasing R.. As examples, Fig. 6
shows the shape and outer surface appearance of
typical bulk amorphous alloys 17 mm in diameter
and 600 or 120mm in length for the
ZrgoAloNijgCuyg amorphous alloy and 75 mm in
diameter and 80mm in height for the
Pd4oCuzgNijoP>9 amorphous alloy. These bulk
amorphous alloys have smooth outer surfaces and
good metallic luster. By using these bulk amor-
phous alloys, R. is determined accurately through
the construction of continuous cooling transform-
ation (CCT) curve. Figure 7 shows the CCT curves
of the Pd4oCu3¢NioP,g alloy in the non-fluxed and
B,O5 fluxed states [22]. The R. value is 1.58 K/s in
the non-fluxed state and decreases to 0.100 K/s in
the fluxed state. The B,Os flux treatment is useful
to decrease the R, value because of the decrease in
heterogeneous nucleation of crystalline phases
through the purification of the molten alloy [29,30].
In order to confirm further the importance of the
suppression of heterogeneous nucleation, we evalu-
ated the temperature—time-transformation (TTT)
curve under the assumption of the absence of het-
erogeneous nucleation. The calculated R. value
decreases further by two orders to 0.001 K/s. This
result indicates that the heterogeneous nucleation

Table 5. Maximum thickness (7,,x) and critical cooling rate (R.)
of bulk metallic glasses

Alloy system Imax (Mm) R(K/s)
Ln-Al-(Cu,Ni) ~10 ~200
Mg—Al—(Cu,Ni) =10 ~200
Zr—Al—-(Cu,Ni) ~30 1-10
Zr-Ti—Al-(Cu,Ni) ~30 1-5
Zr-Ti—(Cu,Ni)-Be ~30 1-5
Fe—(Al,Ga)—(P,C,B,Si) ~3 ~400
Pd—Cu-Ni-P =75 0.1
Fe—(Co,Ni)—(Zr,Hf,Nb)-B ~6 =200
Ti-Ni—Cu-Sn ~6 ~200

INOUE: BULK AMORPHOUS ALLOYS

cannot be completely eliminated even by the B,O;
flux treatment.

4. MECHANICAL PROPERTIES

In addition to the importance of basic science, it
is important in applications as engineering materials
to clarify the mechanical properties of bulk amor-
phous alloys. Figure 8 shows the relationship
between the tensile fracture strength (o) and
Young’s modulus (E) for the cast bulk amorphous
Zr—Ti—Al-Ni—Cu alloys in sheet and cylinder forms
with thicknesses (or diameters) of 1-5 mm [21]. There
is a clear tendency for ¢¢ to increase with increasing E.
Figure 9 shows the relationship between o or H,
and E for bulk amorphous Mg—Cu-Y, La—Al-Ni,
La—Al-Co-Ni—Cu, Zr-Ti—Al-Ni—Cu, Pd—Cu-Ni-P
and Ti—Zr-Ni—Cu-Sn alloys together with the
data of conventional crystalline alloys. The bulk
amorphous alloys have high oy of 840-2100 MPa
combined with E of 47-102 GPa which depend on
alloy compositions. The bulk amorphous alloys
exhibit higher o¢, higher H, and lower E than those
of any kinds of crystalline alloys. The feature of the
mechanical properties for the bulk amorphous
alloys is significantly different from that for
the crystalline alloys. We further examined the
compositional dependence of Charpy impact frac-
ture energy for the cast bulk amorphous
Zry9—x—, Ti,Al,CuyNio sheets with a thickness of
2.5mm [40]. The impact fracture energy is in the
range of 122-135 kJ/m? for the Zr-based alloys con-
taining 0-5at.% Ti and 10 at.% Al and tends to
decrease with the deviation from the alloy compo-
sition range. We also measured the three-point
bending flexural stress and deflection curves of the
Zr—-Al-Ni—Cu and Zr-Ti-Al-Ni—Cu bulk amor-
phous alloys [40]. These bulk amorphous alloys
have high bending flexural strength values of 3000
3900 MPa which are 2.0-2.5 times higher than
those for crystalline Zr- and Ti-based alloys.
Furthermore, all these bulk amorphous alloys have
large deflection values above 0.4 mm. Figure 10
summarizes the bending and rotating beam fatigue
strength as a function of number up to failure for
the bulk amorphous ZrgsAljoNijqCu;s [21] and
Pd4oCusgNijgP>y [41] alloys, respectively, together
with the data under tensile stress conditions for
melt-spun Pdgosizo [42], Ni75SigB17 [43] and
Co755119B;5 [43] amorphous ribbons. When the fati-
gue limit is defined by the ratio of the minimum
fatigue strength after 107 cycles to the static bend-
ing or tensile fracture strength, the fatigue limit of
the bulk amorphous alloys is in the range of 0.20—
0.30, in agreement with the previous results [42,43]
for the melt-spun amorphous ribbons. The bending
fatigue strength is as high as about 1000 MPa at
cycles of 3 x 10 It is thus confirmed that the pre-
sent Zr- and Pd—Cu-based bulk amorphous alloys
have good combination of various mechanical prop-
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Fig. 6. Outer surface morphology of bulk amorphous alloys. The cylindrical ingot of 75 mm in diameter
and 80 mm in height and the cylindrical bar of 17 mm in diameter and 600 or 120 mm in length are
composed of PdsyCuzoNijoPy and ZrgoAl;oNijoCuyg alloys, respectively.

erties, which cannot be obtained for conventional
crystalline alloys.

In addition to the high Charpy impact fracture
energy, high fatigue strength, large bending deflec-
tion and large elastic elongation, it is important to
clarify the fracture toughness and fracture mech-
anics of bulk amorphous alloys for the extension of
application fields of bulk amorphous alloys as high-
strength materials. There is a high possibility that
bulk amorphous alloys contain some flaws. We
want to know the maximum stress that the bulk
amorphous alloy can withstand if it contains flaws
of a certain size and geometry. Fracture toughness
represents the ability of the amorphous alloy con-
taining a flaw to withstand an applied load. As
compared with the results of an impact test,
fracture toughness is a quantitative property of the
alloy. The shape and dimension of the test speci-
mens used for the measurement of fracture tough-
ness of a ZrssAljoNisCusy bulk amorphous alloy
agree with ASTM criteria. Assuming that the stress
field near the crack tip is controlled by linear frac-
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Fig. 7. Continuous cooling curves in the unfluxed and
fluxed states for a Pd4oCuszoNi oP,g alloy liquid.

ture mechanics and the small-scale yielding con-
dition, the fracture toughness (K-value) can be
evaluated according to ASTM criteria. The
measured K. values of Zr-based amorphous alloys
with a thickness of 3mm are about 67 MPa,/m
for ersAlloNi5CU30 and 70 MPa\/m for
Zrs5sAl1oNisCuygNb; [21]. In the fracture surface
region near the crack tip shown in Fig. 11, a vein
fracture pattern is observed and no appreciable
embrittled pattern is seen, indicating that these bulk
amorphous alloys have high plastic deformability
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Fig. 8. Relationship between tensile fracture strength (oy)
and Young’s modulus (E£) for bulk amorphous
Zr79_._,TiAl,Ni,(Cuy alloy sheets.
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even near the pre-existent crack tip. These data
were obtained for the sheet specimen with a thick-
ness of 3.0 mm. It is not certain whether or not the
K values correspond to the plain strain fracture
toughness (Ki.). However, it is noticed that the K
values are much higher than those (24-36 MPa\/m)
[44] for age-hardened Al-based alloys and compar-
able to those (54-98 MPa\/m) [44] for commercial
Ti-based alloys. The K values are also higher than
that (55 MPa\/m) [45] for the Zr-Ti-Be-Ni—Cu
bulk amorphous alloy. Here, it is particularly im-
portant to point out that the K values decrease to
about 1 MPa,/m for the Zr-Ti-Be-Ni-Cu amor-
phous alloy containing nanocrystalline particles
[46], while the Zr—Al-Ni—Cu base bulk amorphous
alloys containing nanocrystalline particles exhibit
a remarkably improved K value of about
160 MPa,/m [47], which exceeds largely those of
conventional Ti- and alloy steels. For the measure-
ment of a real K value for the bulk amorphous
alloy containing nanocrystalline particles with high
fracture toughness, it is necessary to use bulk amor-
phous alloys with much larger thicknesses.

5. CORROSION RESISTANCE

When bulk amorphous alloys for their good sta-
tic and dynamic mechanical properties are used as
structural materials, it is essential for the bulk
amorphous alloys to have good corrosion resistance
in various kinds of corrosive solutions. There have
been no data published on the corrosion resistance
of Zr-based bulk amorphous alloys in any kinds of
corrosive solution. We examined the corrosion re-
sistance of melt-spun amorphous alloys in Zr-TM—
Al-Ni—Cu (TM =Ti,Cr,Nb,Ta) systems in HCI and
NaCl solutions and noticed that the Nb- and Ta-
containing amorphous alloys exhibit good corrosion

resistance in their solutions at room temperature
[21, 48]. We have confirmed that the X-ray diffrac-
tion patterns of melt-spun Zrgo_ M Al;oNijoCuyg
(M=Ti,Nb,Ta; x = 5-20at.%) alloys consist
only of a main broad peak at a wave vector K, of
26-27 nm~' and no appreciable diffraction peak
due to the precipitation of a crystalline phase
is seen over the composition range up to 20 at.%
of Ti, Nb or Ta. However, the formation of
Zrgo_Cr Al gNi;oCu,y amorphous alloys was lim-
ited to less than 10 at.%Cr. Figure 12 shows the
corrosion rates of the Zrg_ TM AljoNi;oCusg
(TM =Ti,Cr,Nb,Ta) amorphous alloys subjected to
immersion for 16 and 64 h in 6M HCI solution at
295 K. The corrosion rates of the Zr—Al-Ni—Cu
and Zr—Cr—Al-Ni—Cu amorphous alloys are too
high to measure after immersion for 64h, even
though the corrosion rates of their amorphous
alloys in 1M HCI show very low values below
0.01 mm/year. Even in severe corrosive solution, the
Nb- and Ta-containing alloys exhibit rather low
corrosion rates below 0.1 mm/year after immersion
for 64 h. Figure 12 also shows that the effect of the
additional elements on the corrosion resistance is
largest for Nb, followed by Ta, Ti and then Cr.

It is also important to clarify the corrosion resist-
ance of the Zr-based amorphous alloys in NaCl sol-
ution. Figure 13 shows the current density as a
function of potential in 3 mol% NaCl solution at
298 K for Zr(,oAlloNiloCuZo, Zr55Ti2_5A112_5Ni10Cu20
and  ZrssNbsAlgNijgCuyy amorphous alloys,
together with the data of pure crystalline Zr metal.
The solution was exposed in air. The corrosion
resistance is largest for the Nb-containing alloy,
followed by the Ti-containing alloy and then the
Zr—Al-Ni—Cu alloy. The corrosion resistance of the
Nb-containing alloy is also superior to that for pure
Zr metal, indicating the remarkable effectiveness of
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conditions for melt-spun Pd-, Ni- and Co-based

Nb addition on the improvement of corrosion re-
sistance even in the NaCl solution. Considering the
previous data [25] that a bulk amorphous
ZrssNbsAlgNijoCuyy ingot with a thickness of
8 mm was produced by the simple process of arc
melting, followed by cooling on a copper hearth
cooled with water, the addition of about 5 at.% Nb
is concluded to be useful for the formation of bulk
amorphous Zr-based alloys exhibiting good cor-
rosion resistance.

6. HIGH STRAIN-RATE SUPERPLASTICITY

As described above, the bulk amorphous alloys
have a wide supercooled liquid region of more than
60 K before crystallization. Figure 14 shows the
change in viscosity with reduced temperature (7, =
T/Tm) for the Pd40CU3ONi10P20 amorphous aHOy

amorphous ribbons are also shown for comparison.

[49]. The data of SiO, glass are also shown for com-
parison. The viscosity of the Pd-based amorphous
alloy has much larger temperature dependence as
compared with SiO, glass, indicating that the Pd-
based amorphous alloy belongs to the fragile type
glass which is different from the strong type of SiO,
glass. The steep temperature dependence of vis-
cosity causes the low values of 10°-10® Pa-s in the
supercooled liquid region. Here, it is important to
describe that the low viscosities correspond to very
short relaxation times of 107°~1072 s [3]. By utiliz-
ing the short relaxation times, it is expected to have
a high strain-rate flowability for the bulk amor-
phous alloys. Therefore, we examined the defor-
mation behavior in the supercooled liquid region
for the bulk amorphous alloys. Figure 15 shows the
relation between flow stress and strain rate for the
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ZrssAl19NisCusg sheet subjected to fracture toughness measurement. The SEM images (a), (b) and (c)
were taken from the regions of a, b and c, respectively, in the illustration.

ZrgsAloNijgCuys [50] and LassAlygNips [S1] amor-
phous alloys. The T, is 653 K for the Zr-based
alloy and 473 K for the La-based alloy. The flow
stress in the supercooled liquid region is pro-
portional to strain rate in the strain-rate range of
1073-107! s7! for both alloys, suggesting that the
deformation obeys the Newtonian flow behavior in
an appropriate strain-rate condition. In order to
confirm the achievement of the Newtonian flow, the
data in Fig. 15 were analyzed by using the relation
n = a/3¢ [52], where n is viscosity, ¢ is flow stress
and ¢ is strain rate. The resulting viscosities of the
Zr—Al-Ni—Cu and La—Al-Ni amorphous alloys are
plotted as a function of strain rate in Fig. 16. The
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Fig. 12. Corrosion rates of the Zrgo_ TM Al;oNijqCuyq
(TM=Ti, Cr, Nb or Ta) amorphous alloys subjected to
immersion for 16 and 64 h in 6 M HCI solution at 295 K.

viscosity in the supercooled liquid region is indepen-
dent of strain rate in a wide strain-rate range up to
about 0.1 s, indicating the achievement of
Newtonian flow in the wide strain-rate range. With
further increasing strain rate, the viscosity is depen-
dent on strain rate and decreases almost linearly, in-
dicating that the deformation behavior of the
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Fig. 13. Current density as a function of potential in

3% NaCl solution at 298K for ZrgAl;oNijoCus,

Zrs5Tip sAl1 sNijgCuyy and ZrssNbsAljgNijgCuyg amor-

phous alloys, together with the data for pure crystalline Zr
metal.
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Fig. 14. Viscosity as a function of reduced temperature (7/
Tw) for a Pd4gCuzgNijoPyg amorphous alloy.

supercooled liquid changes from Newtonian flow to
non-Newtonian flow. Furthermore, the deformation
mode of the amorphous solid occurs through the
non-Newtonian flow and hence it is concluded that
the Newtonian flow can occur only in the super-
cooled liquid region. There is no appreciable differ-
ence in the features of non-Newtonian flow mode in
the supercooled liquid and amorphous solid. The
independence of viscosity with strain rate is import-
ant for practical use of viscous flow working in the
supercooled liquid region of bulk amorphous alloys.
With the aim of clarifying in more detail the
Newtonian flow behavior in the supercooled liquid,
we examined the relation between true stress (o)
and ¢ in the supercooled liquid for the
Zrs5sAljoNisCuzq amorphous alloy. A good linear
relation is recognized in the relation between ¢ and

1000

Flow stress, O / MPa

1074 103 102 1ol 100

Strain rate, & /571

¢ shown in Fig. 17 and the linear relation is
expressed by ¢ = K& [53]. The slope of the linear
relation corresponds to the strain-rate sensitivity
exponent (m value) and the m value is as large as
1.0, indicating the achievement of ideal Newtonian
flow, namely, an ideal superplasticity. A similar
Newtonian flow has also been observed for the
Pd4oCu;3pNijgPyy amorphous alloy [54], as recog-
nized that the viscosity is independent of ¢ while y
increases linearly with o.

We also tried to determine a deformation con-
dition in which a maximum elongation by viscous
flow is obtained. Figure 18 shows the relation
between elongation at different testing temperatures
and strain rates for the ZrgsAljoNijgCu;s and
LassAlyoNirs amorphous alloys, together with data
for ductility of the deformed samples [50,51]. The
maximum elongation is obtained in the supercooled
liquid and at a constant deformation condition
where the strain rate lies in the Newtonian flow
region just below the transition from Newtonian to
non-Newtonian flow. The maximum elongation is
about 350% for the Zr-based alloy and about
1800% for the La-based alloy with both alloys
maintaining good bending ductility when exhibiting
maximum elongation. The decrease in elongation in
the lower strain-rate region is due to the progress of
the incipient-stage reaction for crystallization and
that in the higher strain-rate region results from a
rapid increase in flow volume generated during flow
deformation. It is well known that total elongation
is strongly dependent on the original cross-section
of the specimens. The La-based amorphous alloys
exhibit a large elongation of 1800% even in the
melt-spun ribbon form with a thickness of about
20 um. The elongation is expected to increase sig-
nificantly when using bulk amorphous alloy with a
much larger cross-section. It has been reported that
elongation reaches about 15 000% [55] for cylindri-
cal specimens with a diameter of 1.5 mm and about
10%% [56] for cylindrical specimens with a diameter
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Fig. 15. Relationship between flow stress and strain rate for ZrgsAl;oNijoCu;s and LassAly,)Niys amor-
phous alloys deformed at various temperatures.
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of 5mm. Here, it is also important to point out
that specimens subjected to heavy tensile defor-
mation also keep good bending ductility. The defor-
mation temperatures and deformation times leading
to extremely large elongations were examined in
comparison with the isothermal temperature—time-
transformation curve of the LassAl,gNi,s amor-
phous alloy. The deformation temperatures and
times are located in the higher temperature and
longer time region as compared with the onset tem-
perature and time line for crystallization. The
distinct discrepancy indicates clearly that the
Newtonian-flow deformation in the appropriate de-
formation condition causes a degradation of crystal-
lization reaction, namely, the deformation-induced
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Fig. 17. Relationship between true stress (¢) and strain
rate (¢) for a ZrgsAljgNisCuzg amorphous alloy.

stabilization of supercooled liquid. Although the
mechanism for the deformation-induced stabiliz-
ation is not clear, it may be due to the suppression
of the incipient reaction for crystallization as well
as of the accumulation of flow volumes introduced
by the non-Newtonian flow deformation. The find-
ing that the supercooled liquid is stabilized by
choosing the Newtonian flow at the appropriate
strain rate just below the transition region from
Newtonian to non-Newtonian flow is important for
further extension of the viscous-flow working of
bulk amorphous alloys.

7. MAGNETIC PROPERTIES

Based on the three empirical rules for achieve-
ment of high GFA, a new bulk amorphous alloy
with ferromagnetism at room temperature has been
developed. As described in Section 1, soft ferromag-
netic bulk amorphous alloys have been synthesized
in multicomponent Fe—(Al,Ga)-(P,C,B,Si) [10], Co—
Cr—(Al,Ga)-(P,B,C) [57], Fe—(Co,Ni)—(Zr,Nb,Ta)-
B [11] and Co—Fe—(Zr,Nb,Ta)-B [58] systems. This
section describes the relationship of soft magnetic
properties of new Fe- and Co-based amorphous
alloys with high thermal stability of supercooled
liquid before crystallization and high GFA in melt-
spun ribbon and cast bulk cylinder forms.

7.1. Melt-spun amorphous alloy ribbons

7.1.1. Fe—(Al,Ga)—metalloid systems. Figure 19
shows the I-H hysteresis curves of the melt-
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spun F380P12B4Si4, Fe7(,Al4P12B4Si4 and

Fe;4Al4Ga,P1,B4Siy amorphous alloys in an opti-
mally annealed state [59]. It is seen that these amor-
phous alloys exhibit typical soft magnetic-type
hysteresis curves. Table 6 summarizes the magnetic
properties of saturation magnetization (/;), residual
magnetization (/;), squareness ratio (I,/[;), coercive
force (H.), effective permeability (u.) at 1 kHz and
saturated magnetostriction (/) of the three kinds of
amorphous alloy ribbons, together with the data of
Ty, Try and T. The I, H. and p. values, which are
important for a soft magnetic material, are about
1.1 T, 5-10 A/m and 12000 to 19 000, respectively,
indicating that the present Fe-based amorphous rib-
bons possess good soft magnetic properties. In par-
ticular, H. and u. are superior to those [60,61] for
conventional Fe—Si—-B amorphous ribbons, though
I decreases slightly owing to the lower Fe concen-
trations. In comparison with those for the Fe—Si—B
alloys, the lower H. and higher p. values are pre-
sumably due to the lower A value.

In addition to Fe—(Al,Ga)-(P,B,Si) systems, Fe—
(ALGa)—(P,C,B) [10] and Fe—(Al,Ga)—(P,C,B,Si)
[62] amorphous alloys exhibit good soft magnetic
properties. Although 7, of the Fe—Al-Ga—P-C-B—
Si amorphous alloys decreases monotonously with
the replacement of Fe by Si, the other replacement
mode, i.e. the replacement of P, Al or C by Si,
causes an increase of 7. and the highest T, for the
Fe-based amorphous alloys with AT, above 50 K
is 602K for the Fe72Al4Ga2P1 1C6B4Si1 alloy.
From the [-H Thysteresis curves of the
F672A15G32P10C6B4Si1, FC72A14G32P11C6B4Si1 and

Fe;»,AlsGasP11CsB4Si alloys with maximum AT, it
has been confirmed that these amorphous alloys
exhibit good soft magnetic properties with 1.06—
1.10 T for I; and 1.03-4.47 A/m for H.. Figure 20
shows both I, and H. as a function of Si content
for the four alloy series Fes_ AlsGa,PCeB4Siy,
Fe72A15Ga2P1 1_XC6B4Six, Fe72Al5_xGa2P1 1C6B4Six
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Fig. 19. Hysteresis /-H curves of amorphous FegoP1,B4Siy,
FC76A14P]2B4Si4 and FC74A14G32P12B4Si4 alloys annealed
for 600 s at 723 K.
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Table 6. Thermal stability and magnetic properties of the amorphous (a) FegoP1,B4Si4, (b) Fe;6AlsP1,B4Siy and (c) Fe;sAlyGa,P2B,Siy

alloys
As-quenched
Alloy He H. (A/m) I, (T) 1, (T) 1/1 s T, (K) T« (K) ATy (K)
(a) 5800 1.3 1.10 0.32 0.29 31 x107° 753 789 36
(b) 2600 12.7 0.96 0.30 0.31 30 x 107° 738 780 46
(©) 1900 19.1 0.91 0.27 0.30 21 x 107° 737 786 49
Annealed for 600 s at 723 K
(a) 22 000 1.1 1.34 0.46 0.34
(b) 21 000 2.6 1.24 0.43 0.35
(©) 19 000 6.4 1.14 0.40 0.35

and Fe;»AlsGa,P1Cy_BsSi.. One can see distinct
Si dependence of Iy and H. values. The I values
increase from 1.04 to 1.13 T with increasing Si con-
tent for the latter three alloys where the metalloids
are replaced by Si, whereas the replacement of Fe
by Si decreases linearly I; values from 1.04 to
0.665T. On the other hand, H. values tend to
increase in the range 1.93-18.2 A/m with increasing
Si content for the four alloy series. From the com-
positional dependence of Ty, T., I; and H., it is
concluded that the Fe;»AlsGa,PgCeBsSi; and
Fe;,AlsGayP 1 CsBySi; amorphous alloys have a
good combination of higher thermal stability of
supercooled liquid and better soft magnetic proper-
ties with higher 7.

7.1.2. Fe=TM-B systems. The I values of melt-
spun Feg;_CoNiZrjoByy (x =3, 7, 14 and
17 at.%) amorphous alloys [11] are in the range of
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and

0.91-0.96 T and independent of Co content. On the
other hand, the H. values increase from 2.7 to
10 A/m with increasing Co content from 3 to
17 at.%. The squareness ratio defined by the ratio
of I, to I is in the range of 0.32-0.45. From the
thermomagnetic data, T, was measured to be 567 K
for the FessCo;Ni;ZrioB,yo alloy. These soft mag-
netic properties were improved by annealing for
600 s at 750 K, which is lower by about 60 K than
T,. That is, I, H. and I/l of the annealed amor-
phous alloy are 0.96 T, 2.41 A/m and 0.60, respect-
ively. Furthermore, . at 1 kHz was measured to be
5100 for the as-spun sample and 17 700 for the
annealed sample. These magnetic data indicate that
the Fe-based amorphous alloy has good soft mag-
netic properties comparable to those [60,61] for the
other Fe-based amorphous alloys, though the I
value is slightly lower because of the lower Fe con-
centration.

We measured hysteresis [-H curves of
Fes4Co7Ni;Zr9_Nb,Bsg amorphous alloys
annealed for 300 s at 800 K just below T, [63]. It
has been reported that the replacement of Zr by Nb
decreases I from 0.96 T at 0 at.% Nb to 0.61 T at
10 at.% Nb through 0.75 T at 2 at.% Nb, while H,
shows low values of 1.1-2.0 A/m and does not have
appreciable compositional dependence. Although
the total content of Fe and Co elements remains
constant, [, decreases by 0.21 T only by the
addition of 2 at.% Nb. The change in /5 with Nb
content seems to reflect the change of 7.. The hys-
teresis I-H curves for the FessCo7Ni;Zrg_cTaBsg
amorphous alloys showed a similar change with Ta
content [64]. The I values decrease gradually from
0.96 to 0.71 T in the range of up to 6 at.% Ta and
increases to 0.85 T at 8 at.% Ta, while H; maintains
low values of 2.0-2.7 A/m in the whole Ta content
range. Figure 21 shows the changes in . at 1 kHz
and /; as a function of Nb or Ta content for the
Fes¢CosNisZrig_ M,Bg (M=Nb or Ta) amor-
phous alloys in as-spun and annealed (300 s, 800 K)
states [63—65], together with the data for I; and H..
It is seen that H. and u. are significantly improved
by the annealing treatment, though no distinct
changes in I and A, are recognized. The maximum
e for the annealed samples reaches 25000 at
2at.% Nb and 16700 at 8 at.% Ta. The compo-
sitions showing maximum u. values agree with
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those of I;. The A value is positive and lies in the
range of 7—12 x 107° for the Nb-containing alloys
and 12-15 x 1079 for the Ta-containing alloys, the
value being slightly lower for the former group of
alloys. It has been confirmed that 7 also decreases
monotonously from 594 to 447 K with increasing
Nb content of 0-10 at.% Nb. However, the change
in T, as a function of Ta is slightly different from
that for the Nb-containing alloy. That is, T,
decreases significantly to 503 K at 2at.% Ta and
then increases gradually in the Ta content range up
to 6 at.% and significantly to 538 K at 8 at.% Ta.
The compositional dependence of 7. is analogous
to that for Iy and hence an alloy design leading to
an increase of T, is concluded to be an effective
method for an increase in I From the compo-
sitional dependence of the thermal stability of the
supercooled liquid and the magnetic properties, it is
concluded that the 2 at.% Nb- or §at.% Ta-con-
taining alloy has the combination of high GFA and
good soft magnetic properties.

7.1.3. Co-TM—-B systems. Figure 22 shows I, H.
and A values as a function of Fe content for the
CO70,XF€XZI"10B20 and CO72,XFC_\‘Zl’gB20 (X = 0-
21 at.%) amorphous alloys [58]. The I; values
increase linearly in the range 0.45-0.83 T with
increasing Fe content and with decreasing Zr con-
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Fig. 22. I, H. and A as a function of Fe content for
amorphous Co7q_.Fe.ZrioByg and Co,_.Fe . ZrgB, alloys
subjected to annealing for 600 s at 800 K.

tent, while H. shows low values of 7 A/m in the
range below 10 at.% Fe and increases significantly
with a further increase in Fe content. The A, value
is negative, —1.5 x 107 at 0 at.% Fe, changing to
positive values on passing through zero at around
2at.% Fe. The further increase of Fe content
causes a linear increase in the positive 4, but A is
less than 10 x 107 even at 20 at.% Fe. It is there-
fore concluded that the Co-based amorphous alloys
containing more than 14 at.% Fe exhibit simul-
taneously small A values as well as glass transition
and a supercooled liquid region before crystalliza-
tion. Even with the present limited data, it is
characterized that Cos_Fe ZrgByy (x = 16—
20 at.%) amorphous alloys exhibit good soft mag-
netic properties of 0.77-0.83 T for I, 6.3-8.3 A/m
for H. and 7.6-10 x 107 for J, in addition to the
appearance of the glass transition phenomenon.
Figure 23 shows u. as a function of frequency for
the Cog3FeqZrgB,yg and CosgFej6ZrgB,y amorphous
alloys, together with the data [60,61] of commercial
Fe-Si-B and Co-Fe-Ni—-Mo-Si-B amorphous
alloy sheets. p, maintains high values of 17 200—
9700 for the former alloy and 18 700—11 200 for the
latter alloy in the high-frequency range up to
1 MHz and decreases with a further increase in fre-
quency to 10 MHz. The u. values are much higher
than those for the Fe—Si—B amorphous alloy over
the whole frequency range. Furthermore, the g,
values of the Co—Fe—Zr—B amorphous alloys are
higher than those for the Co-Fe-Ni-Mo-Si-B
amorphous alloy with zero /s in the high-frequency
range above about 100 kHz. The electrical resistiv-
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amorphous Cog3FeqZrgB,y and CosgFe sZrgBsg alloys of 15 mm width subjected to annealing for 600 s

at 750 and 800 K, respectively. The data of conventional Fe-Si-B and Co—Fe-Ni-Mo-Si-B amor-
phous sheets of 15 mm in width were also shown for comparison.

ities of the CO63F69ZT8B20 and CO5(,F61(,ZI'8B2()
amorphous alloys are 1.88 and 1.70 pQm, respect-
ively, which are higher when compared with
1.34 uQm for CO71_3F€4_7Si15B19 [60], 1.37 me for
Fe;5SigB13 (METGLAS 2605S-2) and 1.42 uQm for
the Co—Fe-Ni—B-Si METGLAS 2714A alloy [61].
Consequently, the excellent high-frequency per-
meability characteristics of the present amorphous
alloys are probably due to the decrease of eddy cur-
rent loss resulting from the higher electrical resistiv-
ities. It is therefore concluded that the present Co-
based amorphous alloys have good soft magnetic
properties and high stability of supercooled liquid
against crystallization.

7.2. Cast bulk amorphous alloys

7.2.1. Fe—(Al,Ga)-(P,C,B,Si) system. The Fe-
based amorphous alloys with the large supercooled
liquid region of over 60 K before crystallization are
expected to have a high GFA which enables us to
produce bulk amorphous alloys with diameters
above 1 mm by the copper-mold casting process.
The cast FC72A]5G'¢12P| |C6B4 [66] and
Fe;»AlsGayP1gCeBySiy [62,67] amorphous cylinders
with diameters of 1-3 mm have been confirmed to
have smooth outer surfaces and metallic luster.
Besides, the agreement of the outer shape of the
cast samples with the inner cavity of the copper
mold indicates a good castability of these Fe-based
alloys. Even after an appropriate etching treatment,
no appreciable contrast corresponding to a crystal-
line phase is seen over the whole transverse

cross-sectional structure of the cast
Fe;»,AlsGasP1gCgB4Siy cylinders with diameters of 1
and 2 mm. In addition, neither cavities nor shrink-
age holes are observed, indicating that the amor-
phous alloy has a good castability owing to the lack
of discontinuous change in the specific volume—tem-
perature reaction, which is ordinarily recognized for
crystalline alloys obtained from the liquid. The cast
Fe;,AlsGa,P1CgBy amorphous cylinders, with di-
ameters of 0.5-1.5mm [66], show the sequential
changes of the glass transition, supercooled liquid
and then single-stage exothermic peak which agree
with those of the corresponding melt-spun amor-
phous ribbon. No distinct changes in the thermal
stability and crystallization mode of the supercooled
liquid are seen between the cast amorphous cylin-
ders and the melt-spun amorphous ribbon.

The hysteresis [I-H curve of the cast
Fe;»,AlsGasP;1C¢B4 amorphous cylinder with a di-
ameter of 1 mm was examined in the as-cast and
annealed (723 K, 600 s) states [66]. The [, H. and
I./I, values of the annealed sample are 1.07 T,
5.1 A/m and 0.37, respectively, indicating that the
cast amorphous cylinder has good soft magnetic
properties. Besides, the p. at 1 kHz for the annealed
amorphous cylinder also shows a high value of
7000. The soft magnetic properties were found to
be further improved for the 1 at.% Si-containing
alloy [62,67]. Figure 24 shows the hysteresis I-H
curves of the cast Fe;,AlsGa,PyCgB4sSi; amor-
phous cylinder with a diameter of 2 mm, together
with the data of the cast Fe;3AlsGa,P,,CsBs amor-
phous cylinder with a diameter of 1 mm. The I, H,
and I/I; values for the Si-containing cylinder are
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Fig. 24. Hysteresis /-H curves of the cast amorphous
Fe73A15Ga2P11C5B4 and Fe72Al5Ga2P|0C6B4Si1 cylinders
with diameters of 1 and 2 mm.

1.14 T, 0.5 A/m and 0.38, respectively. In compari-
son with those [66] for the Fe—Al-Ga—P—C-B cylin-
der, H. decreases and I./I; increases for the Si-
containing amorphous cylinder, though /; decreases
slightly owing to the slightly lower Fe concen-
tration. From the thermomagnetic data, it has been
confirmed that the cast Fe;3AlsGa,P;;CsBy amor-
phous cylinder has a T, at about 600 K which is
lower by about 185 K than the crystallization tem-
perature. The T, value agrees with that determined
from the endothermic peak on the DSC curve. It is
thus concluded that the cast Fe-based amorphous
cylinders with diameters up to 2 mm exhibit good
soft magnetic properties of 1.1 T for I, 2-6 A/m

for H. and 7000 for p. at 1 kHz. When these soft
magnetic properties are compared with those for
the corresponding melt-spun amorphous ribbons,
no distinct changes in I; and H. are seen. However,
the p. value is degraded for the cast cylinder pre-
sumably because of the increase in the influence of
the demagnetization resulting from the significant
change in the sample morphology.

7.2.2. Fe-TM-B systems. Figure 25 shows
the outer morphology of the bulk
Feg1Co7Z1r10MosW,Bis cylinders with diameters of
3 and 5 mm [68]. These samples have smooth outer
surfaces and metallic luster. No contrast of crystal-
line phase is seen over the whole outer surface. The
X-ray diffraction patterns showed a main halo peak
with a wave vector K, (equal to 4msin0/4) of
around 29.6 nm~' and no crystalline peak is
observed even for the Smm sample. Besides, the
optical micrographs of the cross-section of the
two samples also revealed a featureless contrast in
an etched state using hydrofluoric acid. These
results indicate that the bulk cylinders are com-
posed of an amorphous phase in the diameter
range up to 5 mm. Considering that the bulk cylin-
der of 7mm in diameter consists of an amorphous
phase in an outer surface region with a thickness
of about 2 mm and of amorphous and crystalline
phases in the inner region, the t,,, for the
Feg1Co7Zr10MosW,B;s alloy is determined to be
about 6mm. It is noticed that the fy,. IS
three times larger than the largest value (2 mm
for Fe;nAlsGa,PgCeB4Sip) [62,67] for Fe-based

Fig. 25. Outer morphology and surface appearance of cast FeqCo,Zr;(MosW,B,s alloy cylinders with
diameters of 3 and 5 mm.
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amorphous alloys reported to date. Figure 26
shows the DSC curves of the bulk amor-
phous Feg;CosNi;ZrgNb,B; 5, FessCo;Ni;ZrgTa,B,,
FegoCogZrgNb,MosW,B 5 and FeggCoj9ZrgMosW,
Bis cylinders with diameters of 1-3 mm [68]. These
amorphous alloys exhibit the sequential transition
of glass transition, supercooled liquid and crystalli-
zation. The AT, value is as large as 55-88 K and
the crystallization occurs by a single exothermic
reaction. The crystallites were identified to consist
of Fe, Fe,Zr, FesB, MoB and W,B phases for the
FegyCogZrigMosW,B; s sample heated to a tempera-
ture just above the exothermic peak. The crystalli-
zation is due to the simultaneous precipitation of
the five crystalline phases. This crystallization mode
is in agreement with that [62,66] for other bulk
amorphous alloys. The largest AT, is 88 K for
Fes¢CosNi;ZrgTa,B,, being larger than the largest

values (57-67K) for Fe—(Al,Ga)-(P,C,B,Si)
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[62,66,67] and nonferrous Pd- and Pt-based amor-
phous alloys [3].

Ty/T was also evaluated. The T,, value was
measured at 1420 K for FessCo7Ni;Zr;oB,y and
1416 K for Feg CosZrioMosW,B s and T,/T,, was
evaluated to be 0.60 for the former alloy and 0.63

for the latter alloy. Considering that T,/Ty, is
0.54 for FegoP1oB4Siy [59] and 0.57 for
Fes3AlsGa,P1CyBysSi;  [62], the present T,/Ty,

values are believed to be the highest among all Fe-
based amorphous alloys.

Table 7 summarizes fmax, To ATy, To/Tm, H,,
compressive fracture strength (o.r), I, H., pe at
1 kHz and A for the new amorphous Fe—(Co,Ni)—
(Zr,Nb,Ta)-B [11,63-65] and Fe—Co—Zr—(Mo,W)—
B alloys [68]. These amorphous alloys exhibit good
soft magnetic properties in an annealed (800 K,
300 s) state, i.e. high I of 0.74-0.96 T, low H. of
1.1-3.2 A/m, high g, of 12000-25000 and low A
of 10-14 x 107%. The H, and p, values are superior
to those for conventional Fe—Si—-B amorphous rib-
bons [60,61], presumably because of the lower A.
Furthermore, the FegCogZrigMosW-,B;s bulk
amorphous alloy has high 6. of 3800 MPa and H,
of 1360 which exceed largely those (oo =
1000-2000 MPa, H, = 300-800) [33] for high-car-
bon high-alloy tool steels and 25 mass% Ni mara-
ging steel. No bulk alloys with high strength above
3000 MPa for o,y and 1000 for H, have been
obtained for any kinds of Fe-based alloys including
amorphous and crystalline phases. Besides, no
weight loss is detected after immersion for 3.6 ks at
298 K in aqua regia. It is therefore concluded that
the Fe-based bulk amorphous alloys possess simul-
taneously high GFA, high strength, high corrosion
resistance and good soft magnetic properties, which
cannot be obtained for other amorphous and crys-
talline alloys.

8. NANOSTRUCTURED BULK AMORPHOUS
ALLOYS

8.1. Formation and structures

The single-stage crystallization mode typical for
bulk amorphous alloys also implies that the amor-
phous phase containing homogeneously nanocrys-
talline particles is not formed. It has previously
been pointed out that the mixed structure consisting

Table 7. Maximum sample thickness, thermal stability, Vickers hardness, compressive strength and magnetic properties of the Fe—
(Co,Ni)—(Zr,Nb,Ta)-B and Fe—(Co,Ni)-Zr—(Mo,W)-B amorphous alloys

Alloy"  fmax (mm) T, (K)  AT(K)  Ty/Th H, oor MPa)  L(T)  He(Afm)  pe(kHz) 4 (1079
(@ 2 814 73 0.60 1370 - 0.96 2.0 19100 10
(b) 2 828 86 - 1370 - 0.75 1.1 25000 13
(© 2 808 50 - 1340 - 0.85 32 12 000 14
(@ 2 827 88 - 1360 - 0.74 2.6 12000 14
© 6 898 64 0.63 1360 3800 - - - 14

* (a) FesCo7NizZrBso; (b) FessCo7NizZrgNb,Bag; () FegiCosNizZrgNb,Bs; (d) FessCosNisZrgTasBag; (€) FegoCosZrigMosW,Bys.
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of nanoscale crystalline particles embedded in an
amorphous phase is formed in the satisfaction of
the four following criteria [69]:

1. multistage crystallization process;

2. existence of homogeneous nucleation sites in an
amorphous phase;

3. suppression of growth reaction caused by segre-
gation of a solute element with low atomic diffu-
sivity at the nanocrystal/amorphous interface;
and

4. high thermal stability of the remaining amor-
phous phase by the enrichment of solute el-
ements from the primary crystalline phase.

With the aim of changing the single-stage crystalli-
zation mode to the nanocrystallization mode in the
maintenance of the supercooled liquid region, we
examined the effect of additional M (M =Ag, Ti,
Nb, Pd, Au or Pt) elements on the formation of the
nanocrystalline structure for the Zr—Al-Ni—Cu
amorphous alloys [70-73]. The additional elements
were chosen because of positive heats of mixing
(AH,x) against the other constituent elements for
Ag and Nb, a nearly zero AH,; against Zr for Ti,
and extremely large negative AH,;, against Zr for
Pd, Au and Pt [32]. The addition of the elements
with positive, nearly zero and largely negative
values of AH,,;, causes the deviation of the three
empirical rules in the alloy components. As a result,
microscopic heterogeneity in the structure and alloy
component generates, leading to the precipitation of
a primary crystalline phase from the amorphous
matrix.

Figure 27 shows the DSC curves of the Zr—Al-
Ni—Cu amorphous alloys containing Ag, Ti or Pd,
together with the data of the Zr—Al-Ni—Cu alloy.
The addition of all the elements causes the change
from the single-stage crystallization mode to the
two-stage crystallization mode in the maintenance
of the supercooled liquid region before crystalliza-
tion. The structure of the alloys annealed for differ-
ent periods at the temperatures just below the onset
temperature of the first exothermic reaction (7y;)
was examined by TEM. As shown in Fig. 28, the
Pd- and Ti-containing alloys consist of nanoscale
crystalline precipitates embedded in the amorphous
matrix, indicating the effectiveness of the additional
elements on the formation of the nanostructured
amorphous phase. The precipitates appear to have
a spherical morphology and their particle size is
measured to be 5-10 nm for the Pd-containing alloy
and 10-15nm for the Ti-containing alloy.
Furthermore, the redistribution behavior of alloy
components by the precipitation of the primary
crystalline phase was examined for the Ag-, Nb-
and Pd-containing alloys by the nanobeam EDS
technique. The EDS profiles indicate a common fea-
ture that the Al element, which plays a dominant
role in the high stability of the supercooled liquid,
is enriched into the remaining amorphous phase
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Fig. 27. DSC curves of Zr-Al-Ti-Ni—-Cu and Zr-Al-Cu—
Pd amorphous alloys.

accompanying the significant segregation of Al in
the amorphous phase just near the nanocrystal/
amorphous interface. This is consistent with the
previous interpretation that the redistribution of Al
around Zr is essential for the progress of crystalliza-
tion for the Zr—Al-Ni—Cu amorphous alloys.

The precipitation behavior of the nanoscale
Zr,Cu phase was also examined by some Kkinetic
analyses [73]. Figure 29 shows the change in the
first exothermic peak due to the precipitation of the
Zry(Cu,Pd) phase during isothermal annealing at
different temperatures for the ZrgoAljgCuyoPdig
amorphous alloy. With increasing annealing tem-
perature, the peak position shifts to a shorter time
side and the peak intensity increases monotonously.
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Fig. 28. Bright-field electron micrograph and selected-area electron diffraction patterns of Zr-based
amorphous alloys annealed at temperatures just below the first exothermic reaction.

The transformation ratio (y) corresponding to the
crystalline fraction (7;), from the amorphous to
Zr,Cu phase as a function of isothermal annealing
time (z,) excluding the incubation time, increases
along the sigmoidal curve. The y values between 0.1
and 0.9 were used for the subsequent analysis in the
framework of the Johnson—Mehl-Avrami equation
[74]. In the relationship between In[—In(1 — y)] and
log(#) at various annealing temperatures, a good lin-
ear correlation is recognized at all annealing tem-
peratures and the slope corresponds to the Avrami
exponent (the n value). The n value is evaluated to
be 3.4-3.6. The n value allows us to presume that
the crystallization proceeds by the diffusion-con-
trolled growth reaction in which all precipitates
growing from small dimensions have an increasing
nucleation rate [75,76]. We also measured the acti-
vation energy for the first-stage crystallization
reaction corresponding to the precipitation of
the nanocrystalline phase by the Arrhenius plot of
the isothermal annealing data and the Kissinger
plot of the continuous heating data. The activation
energy is 3.2-3.6eV, which is much larger than
those (1.9-2.2eV) for the Zr-Al-Ni-Cu and
Zr—Al-Cu alloys without nanocrystalline phase, in-
dicating that the formation of the nanostructure is
partly due to the difficulty of the crystallization
reaction caused by the necessity of the much higher
activation energies.

8.2. Mechanism for formation of the nanostructured
amorphous phase

It has been reported that the crystallized structure
of the ZrgsAl;sCuyys alloy caused by the poly-
morphic reaction consists of Zr,Cu phase with large
grain sizes of 400-500 nm, while the addition of Pd
or Au decreases drastically the grain size of the
Zry(Cu,Pd) phase to less than 10 nm [71,73]. The
high-resolution TEM and nanobeam EDX analyses
reveal that the Pd and Au are dissolved into the
Zr,Cu phase and the Al is rejected from the com-
pound phase and segregated into the remaining
amorphous phase. The Avrami exponent values in-
dicate that the nanocrystallization of the Pd- and
Au-containing alloys proceeds by the diffusion-con-
trolled growth reaction in which all precipitates

dAH Idt | J-mol™s™

00 200 400 600 800 10001200

Annealing time, t;/ s
Fig. 29. Change in the DSC curves due to crystallization

with respect to isothermal annealing time at different tem-
peratures for ZrgpAl;gCuyoPd o amorphous alloy.
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Fig. 30. Schematic illustration showing the formation pro-
cess of the nanocrystalline Zr,(Cu,Pd) phase surrounded
by residual amorphous phase and showing the change in
the Al concentration in the Zr,(Cu,Pd) and remaining
amorphous phases during isothermal annealing.

growing from small dimensions have an increasing
nucleation rate. We have also shown that the acti-
vation energy for the first-stage crystallization
reaction corresponding to the precipitation of
the nanocrystalline phase is 3.2-3.6eV for the
ZrgpAl gCuygPd;y alloy and 3.2-3.8eV for the
ZrgoAl;gCupAug alloy, which are much larger than
that value (1.9-2.2eV) for the Zr—Al-Cu ternary
alloy. Based on the above-described experimental
results on the structural and kinetic analyses of
crystallization, the formation process of the nano-
scale Zr,(Cu,Pd) phase surrounded by a residual
amorphous phase upon partial crystallization of the
Zr—Al-Cu—Pd amorphous alloys is schematically
shown in Fig. 30 [73]. It is generally known that the
formation of a nanostructure from an amorphous
phase requires the four criteria described in Section
8.1. The addition of Pd or Au with much larger
negative AH,,;, against Zr causes the change of the
crystallization mode from the single stage to the
two stages as well as the homogeneous generation
of Zr-Pd-rich clusters, which can act as a nuclea-
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tion site of the Zry(Cu,Pd) phase. The subsequent
growth of the Zr—Pd-rich cluster is also difficult
because of the enrichment of Al in the remaining
amorphous phase near the interface between amor-
phous and Zr,(Cu,Pd) phases resulting from the
elimination of Al from the Zr,(Cu,Pd) phase. The
difficulty of the growth reaction seems to result in
the high activation energy for the precipitation of
the Zr,(Cu,Pd) phase. Furthermore, the enrichment
of Al also induces an increase of the thermal stab-
ility of the remaining amorphous phase against
crystallization. The increase of the thermal stability
also plays an important role in the maintenance of
the nanoscale size of the primary crystalline phase.

8.3. Mechanical properties and deformation behavior
of bulk nanostructured amorphous alloys

Figure 31 shows the o¢, E and H, as a function
of volume fraction (V%) of the primary crystalline
phase for the melt-spun Pd-containing alloy [73]
subjected to heating for different periods at a tem-
peratures just below Ty in the supercooled liquid
region, followed by water-quenching. With increas-
ing Vi, E and H, increase almost linearly in the
wide V¢ range up to about 75% where good bend-
ing ductility is maintained. However, the transition
from ductile to brittle nature at ¥y = 75% causes a
significant decrease in V, though E and H, increase
further. It is noticed that good ductility is main-
tained even in the high ¥} range up to 75%. The
similar changes in o;, £ and H, with V; are also
recognized for the cast bulk nanostructured amor-
phous alloys containing Pd, as shown in Fig. 32.
However, the ductile/brittle transition occurs at
small V; of 30-40% and the linear increase in V;
stops in the vicinity of the transitional ¥V value.
The maximum increasing amount in V; is approxi-
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Fig. 31. Changes in ¢, H, and E with V; of compounds for a melt-spun ZrgyAl;oCuyoPd;o amorphous
alloy.
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Fig. 32. Changes in g, E and H, with V; of compounds for cast bulk amorphous Zr—Al-Ni—-Cu-Pd
amorphous alloys.

mately 30% and the highest V7 is 1980 MPa for the
Pd-containing alloy. The V; of the mixed-phase
alloy has been interpreted by the simple mixture
rule between the amorphous matrix and the nano-
scale compound. Tensile fracture occurs along the
maximum shear plane, which is declined by about
45° to the direction of tensile load and the fracture
surface consists mainly of a vein pattern, as exem-
plified by the Pd-containing alloy in Fig. 33. There
is no distinct difference in the feature of tensile frac-
ture behavior between the bulk nanostructured
amorphous alloys and amorphous single-phase
alloys. The similar fracture mode indicates that the
intergranular amorphous phase keeps good ductile
nature and the fracture occurs preferentially along
the intergranular amorphous region, as illustrated
in Fig. 34. The shear deformation, which is limited
to the narrow width of 20-30 nm, can be effectively
suppressed by the nanocrystalline (compound) par-
ticles with higher H, and/or higher yield strength,
leading to the increase in V;. In this deformation
and fracture mechanism, the remaining amorphous
alloy must keep good ductility, which is comparable
to the as-cast amorphous phase. The maintenance
of the good ductility seems to result from the re-

sidual existence of the supercooled liquid region
before crystallization for the remaining amorphous
phase. The present annealing was made by heating
in the supercooled liquid region, followed by water-
quenching, which is capable of introducing a large
amount of free volume. The decrease in the critical
V¢ of the ductile/brittle transition for the bulk alloy
is presumably due to the difficulty in the re-entrance
of free volumes owing to much lower cooling rates
for the bulk alloys than for the ribbon alloys.

More recently, the good ductility of the bulk
nanostructured amorphous alloys has been con-
firmed by the appearance of slipping-off-type frac-
ture mode for the bulk sample subjected to a
compressive test at room temperature [77]. As an
example, Fig. 35 shows the compressive stress—
elongation curves of the ZrgyAl;¢CusgPd;q cylindri-
cal samples in as-cast amorphous single-phase and
nanostructured amorphous-phase states. Although
the amorphous single-phase alloy exhibits a high
yield strength of 1770 MPa and a small plastic
elongation of about 0.4%, the elongation increases
remarkably to about 2.5% for the nanostructured
amorphous alloy. The absence of data on the
stress—elongation curve in the larger elongation

Vi=0%

V=40%

Fig. 33. Tensile fracture surface appearance of the cast bulk amorphous ZrgAl;(CuyoPd;, alloy: (a)
Ve=0%; (b) V;=40%; and (c) Vy=46%.
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Fig. 34. Schematic illustration of tensile fracture mode for the nanocrystalline amorphous alloys exhi-
biting improved mechanical properties.

range above 2.5% does not imply fracture of the
specimen and results from damage to the strain
gauge used in the measurement. Figure 36 shows
the outer appearance of the nanostructured amor-
phous alloy subjected to the plastic elongation of
2.5%. A distinct slip step is seen along the maxi-
mum shear plane, which is declined by about 50° to
the direction of the uniaxial compressive load. We
have also confirmed that the vein pattern in the
fracture surface of the nanostructured amorphous
alloy is in a more developed and distinct state as
compared with the corresponding amorphous
single-phase alloy. The more distinct vein pattern is
presumably because the shear sliding stress is loca-
lized to the intergranular amorphous-phase field
and the localization causes a more distinct sliding

deformation through the softening phenomenon
caused by the increase in temperature.

9. FORMATION AND MECHANICAL PROPERTIES
OF BULK-CLUSTERED AMORPHOUS ALLOYS

It was shown in the previous section that the
most important point in obtaining high V; for the
mixed-phase alloys is attributed to the good duct-
ility of the remaining amorphous phase. The above-
described nanostructured amorphous alloys were
obtained by annealing-induced partial crystalliza-
tion in the supercooled liquid region, followed by
water-quenching. In addition to the annealing treat-
ment, as another route to producing the similar
nanostructured amorphous structure, one can ob-
serve a control method of cooling rate from the
liquid during casting into a bulk amorphous alloy.

| I | | | I
2000 - 1% -
| I —
1500 | -
m - -
o
= 1000 |- @) _
o
i (b) .
- (c) - _
500 (@) Zr Ni,Cu, Al =~ as-Q
| (b) Zry,Cu, Pd, Al as-Q
(c) Zrg,Cu,Pd, Al V=18%
0 | | |
e /%
Fig. 35. Compressive stress—strain curves of ZrggCu,oPd oAljg and ZrssNisCuspAljo cylindrical rods in

as-cast amorphous and nanocrystalline mixed-phase states.
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Fig. 36. Outer surface appearance of the nanocrystalline amorphous alloy rod subjected to plastic
elongation of 2.5%.

The control method was expected to result in the
homogeneous dispersion of much smaller precipi-
tates in an amorphous matrix containing a much
larger amount of free volume [47,78]. Figure 37
shows small-angle scattering X-ray diffraction pat-
terns of amorphous single phase and mixed phases
in the as-cast state for the ZrgnAljoNijoCu;9Nb;
alloy. The mixed structure was produced by con-
trolling the casting temperature. Some broad and
low-intensity diffraction peaks are seen at the pos-
itions corresponding to Zr,Cu. From the high-resol-
ution TEM image taken from the mixed-structure
alloy, the compound phase has been identified to
have a grain size of about 4 nm and an interparticle
spacing of about 6 nm. The crystalline particles are
much smaller than those for the nanostructured
amorphous alloys obtained by annealing and hence
the structure obtained by the controlling process is
named as a clustered amorphous alloy.

Figure 38 shows the flexural stress—deflection
curves of the clustered amorphous Zr—Cu—Al-Ni—
Nb alloy, together with the data of the correspond-
ing amorphous single and nanostructured alloys.
It is noticed that the bending flexural strength
is 4300 MPa for the clustered amorphous
alloy, being much higher as compared with
2000 MPa for the amorphous single-phase alloy
and 3300 MPa for the nanostructured amorphous
alloy. The Vi of the precipitates in the clustered
amorphous alloy is estimated to be 30%, which
is considerably smaller than that for the nano-
structured alloy, though the particle size is
much smaller. The remarkable increase in the
flexural strength cannot be explained by the mixture

rule. The reason for the increase in flexural strength
is presumably due to the generation of residual
compressive stress in the amorphous region just
near the clustered particles resulting from the high
cooling rate from the melt owing to the difference
in the coefficients of thermal expansion between the
two phases [78]. The finding that the clustered
amorphous alloy with the extremely high strength is
formed by control of the cooling rate is expected to
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g
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Fig. 37. Small-angle X-ray scattering profile of the clus-

tered amorphous ZrssCuyAlj(NisNb; alloy. The data of

Zr-based amorphous and nanocrystalline alloys are also
shown for comparison.
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Fig. 38. Bending flexural stress and deflection curves of the clustered amorphous ZrssAl;oNisCu,gNb;
alloy. The data of amorphous and nanocrystalline Zr-based alloys are also shown for comparison.

be widely used as a new strengthening mechanism
for bulk amorphous alloys.

10. APPLICATIONS AND CONCLUSIONS

Table 8 summarizes fields of application in which
the bulk amorphous alloys have expected uses. As
particularly important application fields, one can
list machinery/structural materials, magnetic ma-
terials, acoustic materials, somatologic materials,
optical machinery materials, sporting goods ma-
terials and electrode materials. Finally, it is pleasing
to introduce a successful example of a real appli-
cation of bulk amorphous alloys as sporting goods
materials. As exemplified in Fig. 39, the Zr—Al-Ni—
Cu and Zr-Ti-Al-Ni—Cu bulk amorphous alloys
have already been used as face materials in golf
clubs [79, 80]. The practical use results from the ex-
perimental results that the Zr-based bulk amor-
phous alloys have simultaneously high tensile
strength, high bending strength, high hardness, high
fracture toughness, high impact fracture energy,
high fatigue strength, good castability, good cutting
machinability and good corrosion resistance. Bulk
amorphous alloys have also been tested as optical

machinery materials (Zr—Al-Ni—Cu alloy) and as
an electrode material (Pd—Cu—Ni—P alloy) and are
expected to join the group of real application ma-
terials. Considering the recent significant extension
of application fields, it is expected that the import-
ance of bulk amorphous alloys as basic science and

Table 8. Application fields for bulk amorphous alloys which are
expected to be used as engineering materials

Fundamental characteristic Application field

High strength

High hardness

High fracture toughness
High impact fracture energy
High fatigue strength

High elastic energy

High corrosion resistance
High wear resistance

High viscous flowability
High reflection ratio

Good soft magnetism

High frequency permeability
High magnetostriction
Efficient electrode (Chlorine gas)
High hydrogen storage

Machinery structural materials
Optical precision materials
Die materials

Tool materials

Cutting materials

Electrode materials

Corrosion resistant materials
Hydrogen storage materials
Ornamental materials
Composite materials

Writing appliance materials
Sporting goods materials
Bonding materials

Soft magnetic materials

High magnetostrictive materials
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Fig. 39. Outer shapes of commercial golf clubs in wood-, iron- and putter-type forms where the face
materials are composed of Zr—Al-Ni—Cu bulk amorphous alloys.

engineering materials will increase steadily in the
21st century.
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